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This critical review presents an overview of the various classes of oxide materials exhibiting fast

oxide-ion or proton conductivity for use as solid electrolytes in clean energy applications such as

solid oxide fuel cells. Emphasis is placed on the relationship between structural and mechanistic

features of the crystalline materials and their ion conduction properties. After describing

well-established classes such as fluorite- and perovskite-based oxides, new materials and

structure-types are presented. These include a variety of molybdate, gallate, apatite silicate/

germanate and niobate systems, many of which contain flexible structural networks, and exhibit

different defect properties and transport mechanisms to the conventional materials. It is

concluded that the rich chemistry of these important systems provides diverse possibilities for

developing superior ionic conductors for use as solid electrolytes in fuel cells and related

applications. In most cases, a greater atomic-level understanding of the structures, defects and

conduction mechanisms is achieved through a combination of experimental and computational

techniques (217 references).

1 Introduction

A major worldwide challenge is the development of cleaner,

sustainable sources of energy to deal with the environmental

threat of global warming and the finite nature of fossil fuel

reserves. There is, however, no single solution. Promising energy

conversion and storage technologies, including fuel cells and

lithium batteries, are being developed to help cut carbon dioxide

emissions. The performance of these energy systems depends

crucially on the properties of their component materials, thus

requiring the development of innovative materials chemistry.

One leading technology for future power generation is the

solid oxide fuel cell (SOFC). An SOFC is an electrochemical

device which converts chemical energy into electricity and,

in the simplest case, is based on the chemical reaction between

hydrogen (at the anode) and oxygen (at the cathode) to

produce water. The two electrode compartments are separated

by the electrolyte, which serves as a barrier to gas diffusion

but allows ion transport of either oxide ions or protons.
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Schematics of SOFCs utilizing oxide-ion conducting and

proton conducting electrolytes are shown in Fig. 1(a) and

(b), respectively.

SOFCs are of particular interest because of their high

efficiency (compared to combustion-based technologies), low

emissions and fuel flexibility; the latter allows them to use

hydrocarbon fuels and hence act as a bridging technology

between hydrocarbon- and future hydrogen-based economies.1,2

They usually operate between 800 and 1000 1C, and the

available operating temperature range strongly depends on

the characteristics of the anode, cathode and electrolyte

materials. Target ionic conductivities for the electrolyte at

operating temperatures typically exceed 0.1 S cm�1.

One important challenge in improving SOFC technology is

to reduce the working temperature to 500–700 1C. Such

intermediate-temperature SOFCs would hasten implementation

of this technology in distributed combined heat and power

(CHP) systems.1,2 In addition, lowering the working temperature

is advantageous in terms of long-term operation, materials

stability, cost and safety.

The role of materials science is fundamental for discovering

and developing electrolyte materials that support high ion

conductivities (and negligible electronic conductivities) at

lower temperatures, together with good chemical stability

and sinterability for fabrication. Such breakthroughs underpin

applied research, and depend simultaneously upon exploring

new classes of compounds and gaining a greater understanding

of the structural and mechanistic features of fast-ion conductors

at the atomic level.

Intense research in this field, particularly over the last

decade, has led to the discovery of several new classes of

materials with excellent ion conducting properties, which in

some cases exhibit different conduction mechanisms than the

vacancy-mediated transport of well-known oxide-ion conductors

such as yttria-stabilized zirconia (YSZ). This has triggered a

vast amount of research aimed not only at improving

performance but also at understanding phenomena on a

fundamental level by experimental and theoretical methods.

Although numerous examples will be cited, it is beyond the

scope of this review to give an exhaustive summary of all the

innovative studies in this highly active field. Nor is it intended to

be a comprehensive review of fuel cell technology, as excellent

reviews on SOFCs,1,2 polymer electrolyte membrane (PEM) fuel

cells4 and solid acid fuel cells (SAFCs)5 can be found elsewhere.

Rather, this review focuses on electrolyte materials for use in

SOFCs, providing first a brief overview of state-of-the-art oxide-

ion and proton conducting oxides, and then detailing recent

developments regarding new classes of materials, with particular

emphasis on their structural and mechanistic features.

2 Conventional oxide-ion conductors

2.1 Fluorite-structured oxides

Most conventional fast oxide-ion conducting materials have

crystal structures of the fluorite type, AO2, where A is a

tetravalent cation.1–3 In this structure, illustrated in Fig. 2,

Fig. 1 Schematic diagram of the processes taking place in a solid oxide

fuel cell (SOFC) during operation; (a) oxide-ion conducting electrolyte,

and (b) proton conducting electrolyte. A key advantage of SOFCs is that

they also allow hydrocarbons to be used as a fuel source.
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the cations occupy face-centred positions in a cubic unit cell

with anions in the eight tetrahedral sites between them.

The best known fluorite-type oxide-ion conductor is acceptor-

doped ZrO2. Pure zirconia is not a good ion conductor, and

only adopts the cubic fluorite symmetry above 2300 1C.6 To

stabilize the cubic structure at lower temperatures and to

increase the concentration of oxygen vacancies (which are

required for ion conduction via vacancy hopping), acceptor

dopants are introduced onto the cation sublattice.7–11 This can

be described using Kröger–Vink notation,

MOþ Zr�Zr þO�O !M
00
Zr þ V��O þ ZrO2 ð1Þ

R2O3 þ 2Zr�Zr þO�O ! 2R
0
Zr þ V��O þ 2ZrO2 ð2Þ

in which M is a divalent cation, R is a trivalent cation, and V��O
is a compensating oxygen vacancy. Typical subvalent dopants

(i.e., acceptors) are Ca2+ and Y3+, producing calcia-stabilized

zirconia (CSZ) and yttria-stabilized zirconia (YSZ), respectively,

the latter exhibiting good oxide-ion conductivity above about

700 1C.1–3

A plot of the conductivity of YSZ is presented in Fig. 3

(together with several other materials which will be discussed

later in this article). YSZ is the most common oxide electrolyte

material, and has been the mainstay of progress towards

commercially viable SOFCs for some time.1,2 However, its

high working temperature (typically 800–1000 1C) makes it

problematic for use in small-scale applications.12 Extensive

research has also been carried out into Sc-doped ZrO2 (ScSZ),

which exhibits superior ionic conductivity,13 but its use is

limited on account of the high cost of scandium.

Another fluorite-type conductor is doped CeO2.
14–19

Typical dopants include Gd2O3 (producing gadolinia-doped

ceria, GDC, also known as cerium–gadolinium oxide, CGO)

and Sm2O3 (producing samaria-doped ceria, SDC, also known

as cerium–samarium oxide, CSO). These solid solutions have

conductivities which are significantly higher than that of YSZ,

particularly at lower temperatures (500–700 1C). These

tantalizingly high conductivities suggest they can be used to

reduce the operating temperature of SOFCs. However, at low

oxygen partial pressures and temperatures above ca. 600 1C

the conductivity of these materials is not purely ionic, with a

non-negligible proportion of electronic (n-type) conductivity,

consistent with the partial reduction of Ce4+ to Ce3+.20 For

example, 10 mol% Gd-doped ceria has been found to possess

greater stability in reducing atmospheres than 20 mol%

Gd-doped ceria. Attempts to improve the material’s redox

stability through co-doping with other rare earths have so far

had limited success;21 ionic conductivities greater than that of

10 mol% GDC have been reported for co-doping with Sm and

Nd,22 although the improvement does not appear great.

Despite these difficulties, it has been demonstrated that an

SOFC can be successfully operated with a ceria solid

electrolyte at a working temperature of 500–700 1C, as the

electronic contribution does not affect greatly the overall cell

performance, except for an obvious reduction in the total

voltage generated.23 Even at these lower temperatures, the

ionic transference number of CGO (tO > 0.9) is sufficiently

high to provide good fuel cell efficiency.23 Typical oxide-ion

conductivity values as a function of reciprocal temperature for

Ce0.8Gd0.2O1.9
24 are given in Fig. 3.

Increasing the concentration of Gd2O3, Yb2O3 or La2O3

beyond about 11–14 mol% in CeO2 leads to lower ion

conductivities.25 A combination of atomistic simulation26

and experimental studies28,29 has shown that strong defect

association or clustering occurs between the dopant ions and

oxygen vacancies. Early modelling work26 indicated that a key

factor for the interaction between these defects is the elastic

strain introduced into the lattice by size mismatch between

the dopant and host cation. Recently, however, systematic

comparison of conductivities of 10 mol% trivalent cation-doped

cerias has suggested that structure–property relationships are

more complex, and that the observed trends in ionic conductivity

cannot be explained in terms of minimum elastic strain alone.30

An alternative strategy for improving the properties of

fluorite-type oxide ion conductors is to add zirconia to ceria

(or vice versa). As these two fluorite oxides are mutually

soluble, the wide range of dopants available means there is

Fig. 2 The fluorite crystal structure (AO2) adopted by ZrO2 and

CeO2. The cubic ZrO2 structure can be stabilized to room temperature

by doping. Large red spheres represent O2� ions and small purple

spheres A4+ ions.

Fig. 3 Total conductivities of several well-known oxide-ion conductors

as a function of inverse temperature: YSZ, (ZrO2)0.92(Y2O3)0.08;
3

CGO, Ce0.8Gd0.2O1.9;
27 LSGM, La0.9Sr0.1Ga0.8Mg0.2O2.85;

47

LAMOX, La2Mo2O9,
64 Si-apatite, La10(SiO4)6O3,

84 and Ge-apatite,

La10(GeO4)6O3.
84
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enormous scope for developing better electrolytes by taking

advantage of zirconia’s superior chemical and mechanical

properties while retaining the high ion conductivity of ceria.31

Another important fast oxide-ion conductor with a fluorite

based structure is d-Bi2O3.
1–3,32,33 This compound is character-

ized by an oxygen sublattice with a high fraction of vacancies,

which is the basis for its high ion conductivity. However, the

highly conductive d phase is only stable above ca. 730 1C.

Stabilization of this phase to room temperature can be achieved

by partially replacing bismuth with rare-earth elements (such as

Y, Dy or Er) in combination with supervalent cations, such as

Nb or W.34–39 Similar to ZrO2-based electrolytes, the highest

ionic conductivities are achieved for materials containing the

minimum dopant concentration required to stabilize the cubic

fluorite structure. However, in many cases the doping level

required is high (15–42 mol%), resulting in relatively poor

conductivities, especially at low temperatures. An exception to

this phenomenon has been found for some Re- and rare-earth-

doped Bi2O3 compositions, which display exceptionally high

oxide-ion conductivities even at low temperature.40

Renewed interest in d-Bi2O3 has mainly focussed on the local

structure and ion migration paths using new characterisation

techniques such as neutron total scattering.41 This has

revealed that, even though the long-range order evident from

conventional X-ray or neutron diffraction is consistent with a

cubic symmetry, the local structure of the d phase closely

resembles the distorted square pyramidal arrangement found

within the phase of the pure material stable at ambient

temperature, otherwise known as the a phase.41 It has been

argued that the asymmetric electron density around the Bi3+ ion

is crucial for promoting extensive anion disorder within d-Bi2O3,

with the ion diffusion facilitated both by the flexible cation

sublattice and substantial relaxation of the surrounding anions.41

Some doubt remains regarding the ability of d-Bi2O3 to

maintain high ionic conductivity at typical working temperatures

(B500 1C) for long periods of time. Recent work has tried to

clarify this situation, seeking optimal dopant concentrations that

provide both high conductivity and long term stability.42

Other fluorite-related materials include the pyrochlore

structure with general composition A2B2O7.
43 This can be

viewed as a superstructure of a defective fluorite, (A,B)O1.75,

with one oxide-ion vacancy per formula unit, yielding a

vacancy concentration of 12.5 mol%. The systems most widely

studied are Gd2(Ti1�xZrx)2O7
44 and Gd2�yLnyZr2O7 (where

Ln = Sm, Nd, La).45 However, the oxide-ion conductivities of

pyrochlore materials are still below those obtained for YSZ

and CGO, and their use in SOFCs is currently not practical.

2.2 Perovskite-structured oxides

In the ABO3 perovskite structure, illustrated in Fig. 4, the

large A cation is coordinated to twelve anions, with the B

cation occupying a six-coordinate site, forming a network of

corner-sharing BO6 octahedra. Tilting of these octahedra leads

to deviations from the ideal cubic symmetry.

A widely studied perovskite-structured oxide with

possible applications in intermediate-temperature SOFCs

is doped lanthanum gallate, LaGaO3. The high ion

conductivity of (Sr,Mg)-doped LaGaO3, of general formula

La1�xSrxGa1�yMgyO3�d (often termed LSGM), was first

reported in 1994 by Ishihara et al.,46 and by Feng and Good-

enough.47 This material exhibits pure ionic conductivity over a

very wide range of oxygen partial pressure (10�20 o pO2 o 1),

with values higher than those of YSZ even at relatively low

temperatures for composition La0.9Sr0.1Ga0.8Mg0.2O3�d,
1–3,48,49

as shown in Fig. 3.

Use of LSGM as an electrolyte has so far been hampered by

several issues, such as difficulty in obtaining single phase

materials,50 the volatility of gallium at high temperatures,

and its high reactivity with Ni (typically used as the anode),

the latter resulting in formation of the ionically-insulating

LaNiO3 phase.48,51 Again, the purpose of acceptor doping

on both the La site (with Sr) and Ga site (with Mg) is the

creation of oxygen vacancies to promote rapid oxide-ion

conductivity, e.g.,

2SrOþ 2La�La þO�O ! 2Sr
0
La þ V��O þ La2O3 ð3Þ

It should be stressed that even though X-ray diffraction

(XRD) of LSGM indicates a cubic crystal structure,46 neutron

diffraction reveals a monoclinic structure.52 From extensive

in situ neutron diffraction studies it has been determined that

simultaneous Sr and Mg doping leads to a reduction of the tilt

of the GaO6 octahedra with respect to the parent compound

(and with respect to the Mg-only-doped phase). This increased

symmetry promotes greater oxide-ion conductivity.53

The defect chemistry and migration path of oxide ions in

lanthanum gallates has been examined using computational

techniques,54,55 which reveal that migration occurs by vacancy

hopping between oxygen sites along a GaO6 octahedron edge,

with a slightly curved trajectory accompanied by outward

relaxation of adjacent cations. This mechanism is illustrated

in Fig. 5(a). The calculated migration path was later confirmed

experimentally by Yashima et al.56 using the maximum-

entropy method (MEM) based on neutron diffraction data for

the optimal composition (La0.8Sr0.2)(Ga0.8Mg0.15Co0.05)O2.8, as

shown in Fig. 5(b).

In comparison to the fluorite oxides, there have been fewer

studies on defect clustering in perovskite oxides. Atomistic

modelling of doped LaGaO3,
54,57 however, suggests that the

negligible binding energy for Sr dopant-vacancy clusters may

be a major factor in promoting the observed high oxide-ion

conductivity. In contrast, Mg-vacancy clusters have significant

binding energies, suggesting greater vacancy trapping. This is

Fig. 4 Two representations of the cubic perovskite structure of

LaGaO3; (a) La-centred unit cell, and (b) corner-shared GaO6 octa-

hedra with La centred on 12-coordinate sites. Large red spheres are

O2� ions, light green spheres La3+ ions and small blue spheres Ga3+.
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consistent with the observed increase in activation energy

for ion migration at higher Mg doping levels in

La1�xSrxGa1�yMgyO3�d,
58 and would lead to two distinct

regions or non-linear portions in the conductivity

Arrhenius plot. Such a change in slope is indeed observed

experimentally.59

Despite reducing the ionic transport number, tO (also

known as the transference number), slightly, replacement of

Mg with less binding dopants, such as Co or Ni, has been

found to be beneficial to the overall performance of these

materials.60 Studies of honeycomb-type SOFCs using such

electrolytes have demonstrated high power densities.61

Other perovskites known to exhibit oxide-ion conductivities

comparable to that of YSZ include NdGa0.9Mg0.1O2.95
62 and

Gd0.85Ca0.15AlO2.925.
63 The wide range of solid solubilities and

variety of compositions means these and other perovskite

systems warrant continued investigation.

Work is also being carried out on perovskite-related oxides

of the K2NiF4 (A2BO4+d) structure such as Ln2NiO4+d

(where Ln = La, Nd, Pr). In these materials, excess oxygen

(d > 0) is accommodated at interstitial sites with oxide-ion

conduction mediated by an interstitial transport mechanism.64

Although not pure oxide-ion conductors (to date all are mixed

ionic/electronic conductors being considered for use as SOFC

cathodes), altering the chemistry to suppress the electronic

conductivity would open up another field of oxide-ion

conducting electrolyte research.

3. New oxide-ion conductors

As described above, several conventional materials with good

ionic conductivity are known and some are already in practical

use. However, several drawbacks, such as high operating

temperatures, partial electronic conductivity and/or poor

chemical stability, still limit their widespread application. These

issues have motivated researchers in the solid-state ionics

community to develop new materials with improved properties.

In this section we highlight the most recent advances in the

development of novel oxide-ion conducting materials.

3.1 La2Mo2O9 (LAMOX)

In 2000, Lacorre and co-workers reported a new family of fast

oxide-ion conductors based on the parent compound

La2Mo2O9 (LAMOX).65 This compound exhibits a first-order

phase transition from the non-conductive monoclinic phase

(a) to the highly-conductive cubic phase (b) at around 580 1C,

with the latter having an ionic conductivity of 6 � 10�2 S cm�1

at 800 1C. Conductivity data for pure LAMOX66 is included in

Fig. 3.

The structure of the low-temperature (a) polymorph was

solved by Evans et al.67 This compound has one of the most

complex crystal structures so far reported, with 312 crystallo-

graphically distinct sites. The structure of the high-temperature

cubic form was first proposed in 2000 by Lacorre et al.65 and

then revised in 2001.68 Based on results from neutron

diffraction, a model was proposed in which two of the three

available oxygen sites (labelled O2 and O3) are partially

occupied and characterized by huge thermal displacement

parameters, B (e.g., Beq up to B20 Å2 for the O3 site). The

presence of a strong modulation in the neutron diffraction

patterns of the conducting b phase led to the conclusion that

there is substantial disorder on the oxygen sublattice;65,68 this

disorder is considered to be the origin of the high oxygen

mobility.

The structure of b-LAMOX shown in Fig. 6 (after O’Keeffe

and Hyde)69 emphasises the coordination environments of the

anions. A rigid structural framework built up from

[La–Mo–O1] tetrahedral units is surrounded by partly delocalized

oxide ions on O2 and O3 sites. The [La–Mo–O1] framework

contains tunnels parallel to the unit cell axes, in which the O2

and O3 sites lie.

It has been proposed that the structure of the b phase

corresponds to a time-averaged version of the room-temperature

monoclinic structure of the a phase,67 as illustrated in Fig. 7.

The huge thermal ellipsoids around the Mo ions in the b phase

correspond to the independent O sites in a-La2Mo2O9. This

view was confirmed by neutron pair distribution function

(PDF) analysis, which showed that the transition from

monoclinic to cubic symmetry involves a change from a static

Fig. 5 (a) Schematic representation of the curved path for oxygen

vacancy migration in the [Ga–O] plane of LaGaO3;
54 (b) equicontour

surface of scattering amplitude in cubic (La0.8Sr0.2)(Ga0.8Mg0.15Co0.05)O2.8

at 1665 K. L, G and O denote the A-site cations (La or Sr), B-site

cations (Ga, Mg or Co) and oxide ions, respectively. Reprinted with

permission from ref. 56, copyright Elsevier, 2003.
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to a dynamic distribution of the oxygen defects while the local

monoclinic structure is preserved.71

Overall, the partial occupancies of the O2 and O3 sites and

the very short distances between these pairs of atoms are

believed to facilitate the easy oxygen migration throughout

this structure. Mechanical and dielectric relaxation studies

suggest a possible path for long-range diffusion of oxide ions

in b-LAMOX; this involves the oxide ions or vacancies

jumping from the O1 site (fully occupied) to an O2 site, then

to an O3 site, and again to an O1 site, a pathway which is

three-dimensional in nature.72 However, a complete picture

of the conduction mechanism in this complex oxide is still

lacking.

Although pure LAMOX has a high oxide-ion conductivity

(in the cubic phase), in order for it to be considered as a

practical material for solid electrolyte applications, two issues

need to be addressed: the structural phase transition (at about

580 1C), resulting in significant volume strains, and the low

chemical stability under reducing conditions.

Doping pure LAMOX with alkaline (e.g., K and Rb) and

alkaline-earth (e.g., Ca, Sr and Ba) cations on the La site

stabilizes the cubic phase at room temperature without

significantly affecting the conductivity.70,73–75 Measurements

of oxygen tracer diffusion coefficients in Gd-, Y- and

Nd-substituted (La site) and W-substituted (Mo site) samples76

have demonstrated that the diffusion coefficients of these

compositions are higher than those of YSZ and LSGM.77

On the other hand, it has been shown that La2Mo2O9

readily reduces in dilute hydrogen, leading to the formation

of a mixed valent Mo5+/Mo6+ phase, La7Mo7O30, before

eventual decomposition.78 One way to improve the phase

stability under low oxygen pressure, pO2, appears to be to

substitute molybdenum with a less reducible cation. This has

been successfully demonstrated for tungsten,79–83 which has a

wide solid solution range in La2Mo2O9. In particular,

co-doped LAMOXs such as La1.7Gd0.3Mo0.8W1.2O9 have

been shown to be stable at low pO2 with no loss of oxide-ion

conductivity. Other studies have shown that several single-

doped (particularly alkaline-earth doped) and co-doped phases

(with W on the Mo site) undergo demixing–recombination at

high temperature (>700 1C), and suggests that the pure phases

are only metastable at room temperature.76 This effect, which

is strongly dependent upon the synthesis route and thermal

treatment, may be the source of the wide variation in the solid

solution limits reported in the literature.

A systematic study of the phase stability of various doped

LAMOX compositions is still needed. Further investigations

are required if the potential of this system for use as an

electrolyte is to be realized.

3.2 Si and Ge apatites

Apatite-type oxides are among the most fascinating of the new

materials being studied as alternative SOFC electrolytes. In

the mid-1990s, fast oxide-ion conductivity was discovered in

silicate-based apatites Ln9.33(SiO4)6O2 (where Ln is typically a

large lanthanide ion such as La3+ or Nd3+).84,85 Since then,

an increasing number of experimental and computational

studies have sought to clarify the structure–property relation-

ships in both Si- and Ge-based systems (for a detailed review

see ref. 86).

The general formula for apatite oxides can be written

M10(XO4)6O2�y, where M is a rare-earth or alkaline-earth

cation, X is a p-block element such as P, Si or Ge, and y is the

amount of oxygen non-stoichiometry. These materials are

isostructural with the well-known hydroxyapatite biomaterials

found in bones and teeth.

The best apatite oxide-ion conductors that have been found

to date are the Si- and Ge-based lanthanum apatites. Their

crystals typically exhibit hexagonal symmetry (space group

P63/m), with an a lattice parameter 9.7–9.9 Å and c parameter

around 7 Å (varying with the type and amount of dopant).85

Si(Ge)-based apatites are comprised of isolated Si(Ge)O4

tetrahedra aligned to form two distinct channels running

Fig. 7 Correlation between (a) the dynamically disordered oxygen

sites in b-La2Mo2O9, and (b) the static O distribution in a-La2Mo2O9.

For a-La2Mo2O9, the picture represents a superposition of all

independent Mo atoms and their coordination spheres obtained by

transformation of the monoclinic superstructure into the underlying

cubic subcell. Reproduced with permission from ref. 67, copyright

American Chemical Society, 2005.

Fig. 6 b-La2Mo2O9 viewed as a rigid framework of [La–Mo–O1]

units with O2 and O3 sites located within the channels. Reprinted with

permission from ref. 70, copyright Elsevier, 2008.
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parallel to the c axis (as shown in Fig. 8), with one channel

type containing rows of lanthanum (La1) ions in a ring

formation with a row of oxide ions at the centre, and the

other channel type containing rows of lanthanum (La2)

ions alone.

It has been established that the key defects for high ionic

conductivity in apatite silicates and germanates are interstitial

oxide ions, leading to interstitial-type transport mechanisms.

This contrasts with the conventional fluorite (e.g., YSZ, CGO)

and perovskite (e.g., LSGM) oxide-ion conductors where

oxide-ion transport is by the vacancy-hopping mechanism

discussed above.

The carrier species in apatites are purely anionic for

most compositions, with high oxygen transference numbers

(tO > 0.9) across a wide range of oxygen partial pressures.87,88

The conductivities are comparable to other electrolytes being

considered for SOFC applications (Fig. 3). Particularly high

conductivities have been measured parallel to the c axis in

single crystals, consistent with the anisotropy of the hexagonal

structure.89

Several strategies are being explored to improve the

transport and chemical properties of rare-earth apatite

silicates and germanates. For example, it has been shown that

the conductivity of La9.33+x(SiO4)6O2+3x/2 increases as extra

oxygen is introduced into the structure (x > 0); specifically,

the conductivity at 500 1C increases from 1.1 � 10�4 S cm�1

for x = 0 to 1.3 � 10�3 S cm�1 for x = 0.34.90 However,

compositions with higher oxygen contents (x > 0.34) are not

phase pure.

For both Si- and Ge-based systems the range of oxygen

non-stoichiometry for which phase-pure materials can be

synthesised is relatively narrow; the maximum amount of

interstitial oxygen that can be accommodated in the silicate

structure without secondary phase formation is lower than

that of the germanates (maximum oxygen content of 26.5 per

formula unit for silicates vs. 27 for germanates).86

Stoichiometric compositions in terms of both cations and

anions (for example, La8M2(SiO4)6O2, where M is a divalent

cation such as Ca, Sr or Ba) have very low conductivities. An

increase of ionic conductivity is usually observed when oxygen

excess compounds of general composition La9M(SiO4)6O2.5

are produced by increasing the La content while keeping the

system cation stoichiometric.90–92

The apatite structure allows great flexibility for

accommodating a wide range of cation dopants on both the

La and Si/Ge sites. This flexibility allows relatively large local

distortions and changes in site volumes to be tolerated,93

making the apatites a very interesting structural type from

a chemical substitution point of view. In this review we

will outline the most effective doping routes; more detailed

overviews of doping strategies for optimising apatite-type

ionic conductors can be found in refs. 84, 86, 90 and 93.

The range of dopants that can be introduced on the La site

is significantly wider than for most other fast-ion conductors,

such as perovskite-type oxides. Doping on the Si site is another

useful way of improving conductivity. Lower valent ions tend

to increase conductivity, particularly smaller cations such as

Mg2+.86 Isovalent doping on the Si site tends to suppress

the conductivity substantially, particularly for Ti-doped

silicates;86,94 trapping of interstitial oxygens by Ti, which

prefers a higher coordination sphere, has been proposed to

explain this phenomenon, with evidence in support of this view

coming from both 26Si nuclear magnetic resonance (NMR)

data and computer modelling.94

Cation doping (e.g. Mg, Ba, Co, Ga) of the germanates

has also been extensively examined.86,87 In contrast to the

hexagonal stoichiometric compositions, oxygen excess

La9.33+x(GeO4)6O2+3x/2 has triclinic symmetry; the lower

symmetry leads to more strongly bound oxygen, and results

in reduced conductivities.95 The influence of the degree of

oxygen excess on the hexagonal–triclinic transition has been

confirmed experimentally, since nitridation of oxygen excess

triclinic La10Ge6O27 results in the formation of hexagonal

anion stoichiometric La10Ge6O24N2.
96 In order to stabilise

the hexagonal lattice while retaining high oxygen contents,

doping with Y, e.g., La8Y2Ge6O27, has proven effective,

leading to enhanced low temperature conductivities compared

to other compositions.97

As noted, the Si/Ge apatites are interstitial oxide-ion

conductors. The precise location of the oxygen interstitial sites

and their conduction pathway have stimulated much debate,

particularly for the silicate systems. Computer modelling

studies98 identified a favourable interstitial oxide-ion site at

the channel periphery neighbouring the SiO4 units with

significant local structural distortions. Subsequent experimental

support has been provided by neutron diffraction, solid-state
29Si NMR, synchrotron XRD-MEM and Raman spectro-

scopy experiments.86,99–101 Interestingly, the NMR studies99

have shown a correlation between the 29Si spectra and the

conductivity, with poorly conducting samples showing a single

NMR resonance (consistent with a single Si environment),

whereas in fast-ion conducting compositions, an extra peak

is apparent, attributed to a silicate group adjacent to an

interstitial oxygen site. There have also been reports of other

interstitial sites closer to the oxide channel centre,102 which

may indicate sensitivity of the interstitial site to sample

composition and synthesis conditions; these issues need to be

clarified by further investigation.

The location of the interstitial oxide ion in the germanates

appears to have greater consensus. Both neutron diffraction

Fig. 8 Apatite structure of La9.33(SiO4)6O2 viewed down the c axis

showing SiO4 tetrahedra, rows of La2 ions and the La1/O4-containing

channels. For clarity, La2 vacancies are not shown.
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and modelling studies indicate it is more closely associated

with the GeO4 units, leading to the formation of five-

coordinate Ge sites.103,104

One of the most intriguing features of apatite oxide-ion

conductors is related to the conduction mechanism. Computer

modelling of the non-stoichiometric composition La9.33Si6O26

has shown that oxygen interstitials, present as Frenkel defects,

follow a complex sinusoidal trajectory along the periphery of

the La2 channels aided by considerable relaxation of the SiO4

substructure.98 This mechanism is illustrated in Fig. 9.

Synchrotron XRD studies of La9.71(Si5.81Mg0.18)O26.37,

coupled to whole-pattern fitting based on the maximum-

entropy method (MEM), have confirmed the position of the

interstitial oxygen near the edge of the La channels, and the

covalent nature of the Si–O bonds. Electron density maps are

also consistent with migration of oxide ions predominantly in

the c direction.101

Molecular dynamics (MD) simulation of apatite germanates

has shown that there are significant differences compared to

the silicate systems.103 This work revealed that O4 ions within

the La channels serve as a ‘‘reservoir’’ for the creation of

interstitial oxide-ion defects, with ion migration following

either a ‘‘fan-like’’ mechanism in the c direction, or between

adjacent channels (in the ab plane) by the formation of Ge2O9

units. These results suggest that the conduction mechanism in

apatite germanates is more isotropic compared to the strongly

one-dimensional migration found in the silicates. Further

evidence for such behaviour is provided by experimental data

showing that Mg and Bi doping on the La site has less

influence on the conductivity in germanates than in the

silicates.86

The enhanced ionic conductivity of La10�x(GeO4)6O3�1.5x
materials in wet atmospheres observed by León-Reina et al.105

has been attributed to proton conduction below 873 1C.

Further conductivity and modelling studies of Si/Ge apatites

(including La9.33(SiO4)6O2 and La8Ba2(GeO4)6O2) suggest

that water incorporation is more favourable (exothermic) in

the Ge-apatites and leads to additional interstitial oxide ions

as well as protonic defects.106 However, no clear isotope effect

has been observed on replacing H2O with D2O. Further

investigations are thus required to clarify this issue.

In summary, apatite-type silicates and germanates are

among the most promising new fast oxide-ion conductors

currently known. There are still many avenues to explore in

order to further improve their properties, particularly by

chemical substitution routes. The development of low-

temperature and sol–gel synthesis techniques,107–109 and

optimisation of compatible electrodes will hasten their

implementation in SOFC devices, where silicates are preferred

because of their lower cost. To date, there are only a few

reports of apatite thin film preparation and character-

isation,110–112 although testing of cells containing apatite

electrolytes is already underway.113

3.3 Tetrahedrally-coordinated gallium oxides

Recently, high oxide-ion conductivity has been reported in

various oxides containing GaO4 tetrahedral units.114–117 One

of these phases, La1�xBa1+xGaO4�x/2, displays both proton

conductivity (particularly below 700 1C) and oxide-ion

conductivity.114,115

The stoichiometric compound LaBaGaO4 possesses the

b-K2SO4 structure,114 with Ga in a distorted tetrahedral

environment, as illustrated in Fig. 10. Variation of the

La/Ba ratio (i.e., varying x in La1�xBa1+xGaO4�x/2) results

in formation of oxygen vacancies in the lattice. The oxygen

vacancies are accommodated by considerable rearrangement

of two neighbouring GaO4 units, to form a Ga2O7 group, so

that eachGa retains its tetrahedral coordination. The formation of

these Ga2O7 groups has also been experimentally confirmed by

means of neutron diffraction of La0.8Ba1.2GaO3.9.
114

Modelling of oxide-ion migration in this compound has

revealed that the lowest energy pathway occurs via the break-

ing and re-forming of the Ga2O7 units. The transfer of oxide

ions between neighbouring tetrahedra facilitates long-range

diffusion.114 In this respect, the predicted oxide-ion conduction

mechanism in La1�xBa1+xGaO4�x/2 is quite unusual and

reminiscent of a concerted ‘‘cog-wheel’’-type motion. A key

feature for the transport mechanism is the intrinsic flexibility

of the structure, allowing considerable local lattice relaxation.

Fig. 9 Interstitial oxide-ion migration along the c axis in the

La9.33Si6O26 apatite following a nonlinear pathway.86,98

Fig. 10 Crystal structure of LaBaGaO4 comprised of GaO4 distorted

tetrahedra, and ordered alternating layers of lanthanum and barium.

The GaO4 tetrahedra are isolated from one another (with an elongated

Ga–O3 bond).
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It is to be expected that similarly high conductivities may be

present in other ion conductors containing tetrahedral

moieties and flexible structural networks.

More recently, melilite-structured gallates have been

proposed as alternative solid electrolyte materials following

the discovery of interstitial oxide-ion conductivity in the

LaSrGa3O7-based system.117 The melilite crystal structure

has tetragonal symmetry and is composed of layers of

corner-sharing GaO4 units which are linked to form distorted

pentagonal rings (Fig. 11). Along the c axis, La and Sr are

positioned between GaO4 layers, aligned with the centres of

the pentagonal rings. 118

The electrical conductivity of the parent compound,

LaSrGa3O7, is relatively low. A large increase is observed,

however, by increasing the La/Sr ratio according to

La1+xSr1�xGa3O7+x/2, thereby introducing an oxygen excess

to maintain charge balance.117,119 The highest electrical

conductivity, with an ionic transport number close to 0.95,

has so far been achieved for x = 0.55–0.56.117,120 In general,

the synthesis of these compositions is not trivial and some care

must be taken to produce single-phase samples with x > 0.

The high conductivities measured testify to the potential of

this system for developing suitable solid electrolytes for use

in SOFCs.

The positions of the extra oxygen introduced into the

structure by altering the La/Sr ratio have been identified using

neutron diffraction and are found to lie within the tetrahedral

layers in the same plane as the Ga ions. The presence of the

large La/Sr cations between GaO4 layers in the voids bounded

by pentagonal rings limits the possibility of oxide-ion migration

along the c axis.

Structural investigations117 have shown that these interstitial

oxygens are responsible for the higher oxide-ion conductivity

of La1.54Sr0.46Ga3O7.27 compared to LaSrGa3O7, although the

precise transport mechanism in this system has yet to be

established. Results of an MD study121 suggest that migration

occurs by an ‘‘interstitialcy’’ or cooperative-type mechanism

involving the concerted knock-on motion of interstitial and

lattice oxide ions within the Ga layers.

A common feature of these gallium-based ion conductors is

the flexibility of the structural networks, in which the

coordination number of the Ga ions can change readily. Hence

flexibility and ease of deformation of the Ga–O polyhedra

appear to be important factors favourable to rapid oxide-ion

migration in these systems.

3.4 Other related materials

Mayenite. Mayenite, nominal composition Ca12Al14O33,

was first reported to be a fast oxide-ion conductor twenty

years ago,122 and is once again attracting attention as a

cost-effective electrolyte for a number of applications. The

crystal structure of this material (space group I�43d, Z = 2,

a = 11.98 Å) consists of 64 oxygens contained within the

Ca–Al–O framework and two extra-lattice oxide ions

randomly occupying one-sixth of the cages thus formed.123,124

A representation of this cage structure highlighting the position

of the extra-lattice oxygen is shown in Fig. 12.

Recent detailed studies using high-temperature neutron

diffraction have suggested a model for oxygen diffusion based

on a jump-like process involving exchange of the extra-lattice

oxygen with framework oxygens, intimately coupled to large

relaxations of the nearest neighbour Ca ions and, possibly, the

other ions in the cage walls.123 Under reducing conditions a

small concentration of electronic species turns mayenite into

an electronic conductor. However, owing to their complex

defect chemistry, the nanocages have the unusual property of

becoming less electronically conducting as the water content

increases.124

The renewed interest in this structure as a solid electrolyte

arises from its ability to accommodate a range of other anions,

thus offering the possibility of preparing nitride- or fluoride-ion

conductors. As of yet, a complete picture of the atomic-

scale migration mechanisms has not been achieved. This

poorly understood system therefore merits further detailed

investigation.

BIMEVOX. As mentioned in section 2.1, d-Bi2O3 displays

extremely good oxide-ion conductivity but suffers from phase

stability problems, particularly in reducing atmospheres. A

more stable and better ion-conducting family of oxides is

based on a related system, with parent oxide Bi4V2O11.
125,126

This is a layered material showing complex polymorphism, the

main two polymorphic transitions of which are a - b
(at 447 1C) and b - g (at 567 1C).126 Substitution of V by a

host of iso- and aliovalent cations leads to stabilization of the

highly conducting g polymorph at room temperature, with

Fig. 11 Melilite structure of LaSrGa3O7: (a) view along the c axis,

showing Ga tetrahedra connected through bridging oxygens to form

distorted pentagonal rings; (b) view along the b axis, showing layered

structure with non-bridging oxygens pointing towards the La/Sr

layer.117 Ga atoms occupy two distinct sites: Ga1 (blue) and Ga2

(green).

Fig. 12 A mayenite cage containing an extra-lattice oxygen.

Reprinted with permission from ref. 123.
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conductivities on the order of 0.1–1.0 S cm�1 at 600 1C. This

family of solid electrolytes is known as the BIMEVOXs where

BI stands for bismuth, ME for metal, V for vanadium and OX

for oxygen.127

The crystal lattice of this structural family is based on the

Aurivillius series and consists of alternating Bi2O2
2+ and

perovskite-like VO3.5
2– layers, with oxygen vacancies in the

perovskite layers facilitating rapid ion migration. High resolution
17O and 51V magic angle spinning (MAS) NMR spectroscopy

studies128 of Bi4V2O11 have shown that oxide-ion conduction

involves anions in the V–O layers with the most mobile ions

associated with the more distorted VO3.5 groups. Similar 17O

two-dimensional NMR studies of the related Nb-doped

Bi2WO6 material have revealed the oxide-ion conduction

pathways.129

The most common dopants added to BIMEVOXs are Cu,

Ni, Co, and Mg, which not only stabilise the highly conductive

g structure at lower temperatures, but also result in an ionic

transport number close to 1.0 for temperatures up to about

630 1C.130–139 Interest in the BIMEVOX compounds is still

active because of their good conductivity, although problems

with their high chemical reactivity, reducibility and low

mechanical strength have yet to be adequately addressed.

Apart from its potential as a solid electrolyte for SOFCs,

BIMEVOX has been successfully used as an electrochemical

catalyst for selective reduction of NO because of its high

conductivity at relatively low temperatures (200–300 1C)

compared to conventional oxide-ion conductors such as

YSZ.140

3.5 Nanomaterials and heterostructures

A broad area that is attracting increasing attention is nano-

structured materials and ‘‘nano-ionics’’. These systems are

characterised by size effects, short diffusion lengths, a high

density of interfaces (e.g., grain boundaries), and, in some

cases, enhanced transport properties. More detailed discussions

are found in reviews by Maier,141 Chadwick and Savin142 and

Arico et al.143

Synthesis of bulk nanostructured materials has been made

possible through the development of new sintering procedures

such as spark plasma sintering (SPS), which allows the

preparation of fully dense compacts while limiting grain

growth. With this method it is possible to produce fully dense

ceria pellets with grain diameters 15 nm or less.144 Such

materials show reasonable proton conductivity from room

temperature to about 200 1C, depending on the water partial

pressure.145 This represents an increase of up to four orders of

magnitude relative to samples with micron-sized grains. Such

nanostructured electrolytes have been used in water concen-

tration cells to generate power at room temperature.146

Garcia-Barriocanal et al.147 reported an eight-orders-of-

magnitude enhancement of YSZ conductivity in epitaxial

heterostructures consisting of two-unit-cell thick YSZ thin

films sandwiched between two thicker layers of strontium

titanate (SrTiO3, STO). A representation of the YSZ/STO

interface is shown in Fig. 13. The origin of this huge enhancement

in conductivity and associated decrease in activation energy

(from 1.1 to 0.6 eV) is thought to lie in the YSZ/STO

interfaces, in which the number of mobile ions increases, as

does the volume through which they can move. This interface

has been investigated by means of energy-loss spectroscopy,

showing that epitaxial growth between YSZ and STO leads to

a modified interface with a highly disordered oxygen plane.

It has been suggested that the combination of the large

number of mobile ions together with the expansion of the

fluorite structure imposed by the substrate is the origin of the

high interfacial conductivity.148 However, these results have

still to be independently verified, as there is some debate as to

whether the conductivity of these heterostructures is purely

ionic.148 Improved conductivities have also been measured

for alternating layers of ceria and zirconia on alumina

substrates.149 In the case of nanocrystalline YSZ deposited

on Mg substrates, in contrast, a drastic decrease in conductivity

has been reported.150 In any case, these kinds of novel

processing strategies could lead to exciting new technologies

based on nanostructured low-temperature oxide-ion conductors,

and thus represent a potentially fruitful avenue of research.

4 Conventional proton conductors

Proton conductors can be classified into several categories

either on the basis of the type of transport species, or, as is

more common, on their working temperature. In this section

we describe recent research on high-temperature solid-state

proton conductors, which can be used as solid protonic

electrolytes in SOFCs (Fig. 1(b)).4,151 In general, these materials

are all oxides.

4.1 Perovskite-structured oxides

The first report of high-temperature proton conductivity in an

oxide material dates back to the 1980s when Iwahara and

co-workers observed this phenomenon in doped strontium and

barium cerates.152–153 After more than 20 years of active

research, the perovskite-type cerates and zirconates have

become well-established proton conducting systems.154–159

The crystal structures of these materials are based on the

perovskite structure, illustrated in Fig. 4. Protonic defects are

Fig. 13 Schematic of the YSZ/STO interface (ion radii are not to

scale). The transparent O atoms represent empty sites,&, available for

oxide ions at the interface. Reprinted with permission from ref. 147,

copyright Science, 2008.
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formed by the dissociative absorption of water at the surface,

which requires the presence of oxide-ion vacancies. Water

from the gas-phase dissociates into a hydroxide ion and a

proton, with the hydroxide ion filling an oxide-ion vacancy

and the proton forming a covalent bond with a lattice oxygen.

In Kröger-Vink notation, this reaction can be written

H2OðgÞ þ V��O þO�O ! 2OH�O ð4Þ

Pure SrCeO3, BaCeO3, CaZrO3 and SrZrO3 exhibit only low

proton incorporation unless doped with subvalent cations.

In the BaCeO3 system, for example, replacing Ce4+ ions

with M3+ cations (typically Y3+) is charge-compensated by

formation of an oxygen vacancy:

2Ce�Ce þM2O3 þO�O ! 2M
0
Ce þ V��O þ 2CeO2 ð5Þ

The energy of water incorporation in such systems has been

found (both experimentally and theoretically) to be exothermic

for doped and undoped cerates and zirconates,57,160,161 which

is consistent with the observation that proton uptake in

perovskite oxides increases with decreasing temperature.

Furthermore, incorporation of water in doped systems is more

exothermic than in undoped systems. A typical conductivity

vs. inverse temperature curve for 10 mol% Y-doped BaCeO3 is

shown in Fig. 14 together with other proton conductors

discussed in this review.

Detailed characterisation of the structures of many cerates

as a function of temperature and dopant concentration

has been reported.162–169 For example, in the case of

BaCe0.80Y0.20O2.9 (the cerate with the best performance

observed so far) high-temperature neutron diffraction has

revealed rich structural phase behaviour as a function of

temperature. The crystal structure changes from monoclinic

at room temperature, to orthorhombic at 500 1C, followed by

rhombohedral between 600 to 700 1C, finally assuming cubic

symmetry at 800 1C.166

Quantum MD simulations of these perovskite systems have

shown that proton transport involves hopping of a lone

proton between oxide ions (the so-called Grotthuss mechanism),

as well as rotational motion of the hydroxyl unit. This

mechanism is illustrated in Fig. 15.170 Computer simulations

and experiments both confirm that the rate-limiting step is the

proton-transfer between oxide ions, while the rotational

motion is fast, with a low activation barrier.170–175

Any reduction in symmetry relative to the cubic structure is

detrimental to the proton conductivity.176 For example,

the single crystallographic anion site in the cubic structure

degenerates into two distinct sites with different energy levels

in orthorhombic SrCeO3.
176 The increased activation energy

for proton transfer in the orthorhombic cerates can be attributed

to these energetically different oxygen sites, which present an

uneven energy hypersurface for the proton to travel across, as

well as biasing the rotational diffusion (defect reorientation) to

certain directions. QuantumMD simulations of the orthorhombic

CaZrO3 system,177 for example, revealed a lower energy

barrier between closely separated oxide ions of two tilting

octahedra than in the other directions.

Dopant–hydroxyl group association is another issue to be

considered in proton-conducting perovskites. Neutron-

spin-echo experiments178 on hydrated BaZr1�xYxO3�d
indicate trapping effects in which the proton spends an

extended time in the vicinity of the Y dopant before further

proton diffusion, confirming previous simulation predictions175

and quasi-elastic neutron scattering (QENS) measurements.174

In addition, ‘‘ambi-site’’ dopant behaviour in systems such as

BaCeO3 has also been observed, in which the site-occupancy

of dopants is sensitive to barium loss. Certain cations

(e.g., Nd) show significant partitioning over both Ba and Ce

sites in barium cerate.179

Despite intensive study, the main drawback in the use of

barium cerates is that they have poor chemical stability and

electronic species are formed under reducing conditions. In

particular, in hydrocarbon- or syngas-fueled SOFCs below

800 1C, these materials react readily with CO2, decomposing

into barium carbonate and cerium oxide.180 The chemical

stability of doped barium zirconates is far greater.181 Although

Fig. 14 Total conductivities of some well-known proton conductors

as a function of inverse temperature: BaCe0.9Y0.1O3 (BCO);160

BaZr0.8Y0.2O3 (BZO);160 La0.9Sr0.1PO4;
203 Ba3Ca1.18Nb1.82O8.73

(BCN);189 La0.99Ca0.01NbO4;
208 La0.8Ba1.2GaO3.9 (LBGO).115

Fig. 15 Trace of a proton (orange) in BaCeO3 showing the two main

features of proton transport: rotational motion and proton transfer.

Reprinted with permission from ref. 170, copyright Elsevier, 1996.
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there is high intrinsic proton mobility in BaZrO3, which is

cubic at room temperature,182 the conductivity of polycrystalline

samples is often significantly lower than the bulk because of

large grain boundary resistance.

In the case of BaZr1�xYxO3, samples often have low

densities and poor conductivities, despite the use of

high sintering temperatures (>1600 1C) or sintering

additives.183,184 Secondary phases, such as Y2O3, also segregate

to the grain boundaries.181 As a result, the conductivity of

doped BaZrO3 varies widely. Barium deficiency is the likely

culprit for such inconsistent results, since exposure of the

material to elevated temperatures for a prolonged time induces

BaO vaporisation.

Perovskite cerates and zirconates are mutually soluble, so to

develop electrolytes with adequate proton conductivity and

good chemical stability under conditions typically encountered

during fuel cell operation, cerate–zirconate solid solutions are

being investigated.181,184–187 Proton conducting cerates and

zirconates thus represent one of the most promising and

actively investigated groups of solid electrolytes. In addition

to novel co-doping schemes for optimising conductivity and

stability,188 research is now also focusing on the development

of chemically compatible electrodes for use in SOFCs.

4.2 Perovskite-related oxides

Another strategy for achieving high proton conductivities is to

synthesise cation-offstoichiometric perovskites. The charge

imbalance caused by the cation non-stoichiometry is compensated

by protons. One of the best-known materials of this kind is

Ba3Ca1.18Nb1.82O8.73 (also known as BCN18). The amount of

water uptake in BCN18 per equivalent perovskite unit is

comparable to that found for the cerates and zirconates.189,190

Aliovalent cation doping is frequently used as a means of

introducing high concentrations of oxygen vacancies to enable

water incorporation. However, there are some classes of

materials characterised by a disordered oxygen sublattice

where, for specific combinations of metal ions, the oxygen

sites are only partially filled in the stoichiometric composition.

This is the case for perovskite-related compounds of

general formulae Me4(Me2
0M2

5+)O11[VO] (elpasolite) and

Me6M2
5+O11[VO] (cryolite), where Me is an alkaline-earth,

M5+ either Nb or Ta, and VO an intrinsic oxygen vacancy.

Typical examples include Sr6�2xNb2+2xO11+3x, Sr6�2xTa2+2x-

O11+3x, and (Ba1�yCay)6Nb2O11.
191,192 These phases are able

to incorporate up to one water molecule per formula unit.

In addition, for temperatures up to about 600 1C, the

conductivities are purely protonic, although the values are

relatively low (generally less than 10�3 S cm�1).

Ba2In2O5 is another perovskite-related oxygen deficient

material. Initially proposed as an oxide-ion conductor,193 its

ability to conduct protons has also come under scrutiny.194–198

The brownmillerite structure can be viewed as a perovskite-

type structure in which one sixth of the oxide ions are missing.

At room temperature, the oxygen vacancies order in alternating

perovskite layers, so that the associated trivalent (B-site)

cations exist in both tetrahedral and octahedral coordination,

resulting in orthorhombic symmetry.199 This ordering effectively

traps the vacancies, preventing rapid ion conduction. Above

B900 1C, however, the oxide-ion conductivity abruptly

increases, achieving values in excess of that of YSZ.193,199

The high-conductivity phase can be stabilised to lower

temperatures by partially replacing either Ba or In (or both).200

The presence of intrinsic oxygen vacancies in the structure

means that it can also support significant proton conductivity.

Investigations on the (Ba1–xLax)2In2O5+x system have shown

that proton conduction increases with La content, with a

maximum conductivity value of 1.12 � 10�5 S cm�1 for

x = 0.10 at 400 1C.201 Promising results have also been

recently reported for the Ba2(In1–xTix)2O5+x system.202

Conductivity measurements in dry and wet N2 show that the

highest level of proton conductivity, obtained for x = 0.2, is

1.1 � 10�3 S cm�1 at 450 1C for a very low level of

hydration.202 Investigations of these systems have begun

relatively recently, and thus offer substantial opportunities

for developing superior proton conductors.

4.3 Other related materials

Phosphates. Other high-temperature proton conductors

receiving attention include phosphates without structural

protons, such as LaPO4. This compound was proposed as a

candidate proton conductor in the early 1990s, and is

interesting because of its unusual dissolution and proton

transport mechanisms.151 Ca- and Sr-doped LaPO4 have been

demonstrated to exhibit predominantly protonic conductivity

up to B800 1C, but with relatively low absolute conductivity

values of 6 � 10�5 S cm�1 and 3 � 10�4 S cm�1,

respectively.203,204 In these materials, protons are thought to

enter the crystal from ambient water vapour in the form of

extrinsic positive defects, compensating the acceptor dopants

and replacing the intrinsic positive defects, presumably oxygen

vacancies in the form of pyrophosphate groups.203

Detailed investigations of acceptor-doped LaPO4 have

revealed limited solubilities for the dopant ions. Excess doping

leads to formation of secondary phases and strong segregation

of dopants to the grain boundaries. For these reasons other

phosphates have been attracting attention, such as lanthanum

polyphosphate (or metaphosphate), LaP3O9,
205 and lanthanum

oxophosphate, La7P3O18.
206 Both of these compounds also

exhibit protonic conduction in humid atmospheres when La is

partially replaced with Sr, e.g., 3 � 10�4 S cm�1 at 700 1C,

which is comparable to some perovskite-type high-temperature

protonic conductors such as In-doped CaZrO3.
203 In all these

phosphate systems, the structure consists of chains of

corner-sharing PO4 tetrahedra separated by layers containing

the rare earth.

Solid acids. Other inorganic solids showing high proton

conductivities at moderate temperatures (120–300 1C) are

solid acid compounds such as CsHSO4 and CsH2PO4.
5,151,207

Their structures are usually comprised of oxyanions, XO4,

such as SO4 or PO4, linked together by hydrogen bonds.

Unlike the polymers in PEM fuel cells, the proton migration

process is analogous to that found in the perovskites, with

the protons hopping to a neighbouring tetrahedral oxygen,

assisted by, for example, rapid phosphate group reorientation

in the superprotonic disordered phase of CsH2PO4.
5 For fuel

cell applications in vehicles, solid-acid electrolytes offer the
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advantages of anhydrous proton transport and thermal

stability (up to 250 1C). Continuous, stable power generation

for both H2/O2 and direct methanol fuel cells using a

humidity-stabilised electrolyte based on the solid acid

CsH2PO4 has been demonstrated.207

5. New proton conductors

Although research into proton conducting oxides began more

recently than oxide-ion conductors, several materials from the

systems described above have been identified that display

sufficient proton conductivity to be suitable for use in inter-

mediate temperature SOFCs. In this section we describe some

new materials systems that are being examined in the search

for better high-temperature proton conducting solids.

5.1 Niobates and tantalates

While searching for more stable proton conducting materials,

Norby and co-workers208 came across several acceptor-doped

rare-earth orthoniobates and orthotantalates of general

formula RE1�xAxMO4 (where RE = La, Gd, Nd, Tb, Er or

Y; M = Nb or Ta; A = Ca, Sr or Ba; and x = 0.01–0.05).

This class of materials crystallizes in the monoclinic

fergusonite-type structure (space group I2/c) at low temperatures

and in a tetragonal scheelite-type structure (space group I41/a)

at high temperatures, with a transition temperature that varies

with the chemical composition.208

The monoclinic and tetragonal structures are illustrated in

Fig. 16, showing that both polymorphs contain isolated

tetrahedral units, which represent a new structural type for

proton-conducting oxides. Unlike perovskite-type proton

conductors, the highest conductivities in the niobates and

tantalates are obtained for relatively low doping levels, on

the order of a few mole percent. As with other systems,

acceptor doping is necessary to create high concentrations of

oxygen vacancies.

Of the compositions investigated so far, La0.99Ca0.01NbO4�d
has been reported to have the highest conductivity (shown in

Fig. 14). In general, La-containing niobates are found to have

higher proton mobilities than other RE-containing phases,

consistent with their larger lattice volumes.

The two different polymorphs, the fergusonite-type and

scheelite-type, have different activation energies for proton

migration: 0.73–0.83 eV in the former and 0.52–0.62 eV in the

latter, depending on the composition.208,209 In general, the

transition temperature increases with decreasing rare-earth

cation size within the temperature range 500–830 1C for the

niobates and considerably higher for the isostructural tantalates

(1300–1450 1C). Neutron diffraction of La0.99Ca0.01NbO4�d at

high temperature has shown that this phase change occurs

without an abrupt volume change, which is a positive feature

when considering its application inside any kind of practical

device.210

Transport number measurements for various niobates and

tantalates indicate that the conductivity of these materials is

fully protonic for temperatures up to 700 1C; at higher

temperatures, the proton concentration decreases and positively

charged native point defects, most likely oxygen vacancies,

become the dominant mobile species.208,209,211,212 Conductivity

values measured for optimally doped niobates, which are of

the order of 10�3 S cm�1, suggest that a fuel cell containing

an electrolyte a few microns thick may achieve reasonable

area-specific power densities.208

The proton conduction mechanism in niobates and tantalates

has only recently been investigated, both experimentally and

theoretically. Density functional theory (DFT) based calculations

on the tetragonal LaNbO4 phase indicate that oxygen vacancies

in the structure lead to formation of complex polyhedra.213

Such a phenomenon is very similar to that observed in the

LaPO4 system, where P2O7
4� replaces two PO4

3� polyhedra in

the Sr-doped sample under dry conditions,213,214 as well as in

the La1�xBa1+xGaO4�x/2 system, in which corner-sharing

Ga2O7 units form.114 Similarly in LaNbO4 removal of an

oxide ion from a tetrahedrally coordinated cation is compensated

by local condensation of the tetrahedra to form larger linkages

of Nb2O7
4� or Nb3O11

7� polyhedra.213

Recent tests have used Sr-doped LaNbO4 as an electrolyte

within a fuel cell with NiO/LaNbO4 as the anode and different

cathode materials, such as CaTi0.9Fe0.1O3�d, La2NiO4 and

La4Ni3O10.
215 The CaTi0.9Fe0.1O3�d monophase cathode and

LaNbO4/La4Ni3O10 composite anode showed good adhesion

and no interfacial reaction with the electrolyte.

Even though the conductivities of these materials are lower

than those of the perovskite-type cerates, they show the highest

levels of proton conductivity reported so far for oxides not

containing Ba or Sr as the main component. They thus represent

a promising family of materials for use as thin-film electrolytes

for SOFCs capable of operating in CO2-containing atmospheres.

5.2 Gallium-based oxides

Other materials containing tetrahedral units that exhibit high

temperature proton conductivity include lanthanum gallates

of general formula La1�xBa1+xGaO4�x/2.
114–116 The rapid

oxide-ion conductivity of this system was described in Section

3.3; in fact, its proton conductivity is even more significant.

Typical proton conductivities reported for the composition

La0.8Ba1.2GaO3.9 are included in Fig. 14. The proton

conductivities of these gallate-based compounds are among

the highest measured at intermediate temperatures of all

systems containing four-coordinate cation groups, exceeding,

for example, that of Sr-doped LaPO4.
114,115

Fig. 16 Structures of orthoniobates and orthotantalates REMO4

(where RE = rare earth and M = Nb or Ta); (a) monoclinic (b)

tetragonal.
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Possible locations for the proton within the

La1�xBa1+xGaO4�x/2 structure and its migration path have

been examined using potential-based and density functional

theory (DFT) calculations.114 The calculated energy for water

incorporation, around�0.60 eV, is comparable to the exothermic

values obtained experimentally for other proton conducting

oxides.160,161,216 The simulations suggest that the rate-

determining step for long-range proton diffusion is the intra-

tetrahedral migration (as illustrated in Fig. 17). The calculated

energy barrier for such a process is around 0.75 eV, which is in

excellent agreement with an experimentally measured activation

energy of 0.76 eV.116,217 Proton diffusion is also calculated to

be isotropic; in other words, the H-bonding-mediated transfer

of protons between GaO4 units within a layer and between

layers is equally favourable.114 Further work, including

additional doping studies, is required to optimise the proton

conductivity in this system.

6. Conclusions and future outlook

This review has highlighted the diverse classes of oxide

materials exhibiting fast oxide-ion or proton conductivity,

particularly for use as electrolytes in solid oxide fuel cells. In

addition to describing conventional ion conductors such as

fluorite oxides (e.g., YSZ and CGO) and perovskite oxides

(e.g., Mg/Sr-doped LaGaO3 and Y-doped BaZrO3), new

candidate materials and alternative structure types have been

described. These include oxide-ion conductors based on

La2Mo2O9, Si/Ge apatites (e.g., La9.33+x(Si/GeO4)6O2+3x/2),

and gallates (e.g., LaSrGa3O7), and proton conductors

based on niobates (e.g., Ca-doped LaNbO4) and gallates

(e.g., LaBaGaO4).

The structures of many of these new ion conductors consist

of tetrahedral frameworks. Flexibility and ease of deformation

of the tetrahedral units appears to be key to the ion conduction

mechanisms. In many cases, deeper atomic-scale insights into

the local structures, the defect types (oxygen vacancy, oxygen

interstitial or protonic) and the transport mechanisms have

been achieved through a combination of experimental and

computer modelling techniques. Of particular note is the

emergence of Si/Ge apatite-based oxide-ion conductors in

which interstitial oxide-ion defects (rather than vacancies as

in YSZ) play a critical role.

In addition to the major issues covered in this review, future

studies are likely to encompass the following key areas:

(i) Materials optimisation

There are still many strategies to explore to further optimise

both new and conventional electrolyte materials (especially for

reducing SOFC costs by lowering operating temperatures).

These strategies include chemical doping, novel synthesis/

processing routes and dense thin film preparation. Technical

challenges to be addressed include mechanical stability and

cell/stack durability.

(ii) Materials discovery

There will be continuing efforts to explore new compounds

that support fast oxide-ion or proton conductivity particularly

in systems containing flexible tetrahedral networks. The Si/Ge

apatites and melilite gallates have shown that introduction of

interstitial defects can profoundly alter the electrochemical

behaviour. Similar strategies should be attempted for other

structure types in the search for novel interstitial oxide-ion

conductors.

(iii) Nanostructured materials

Nanostructured multi-layers with heterogeneous oxide inter-

faces will continue to make inroads in the production of new

materials, where interfacial strain is believed to play a critical

role. A better understanding is required of ‘‘nano-ionics’’, and

the effects of a high density of interfaces and short diffusion

lengths on materials properties.

(iv) Materials characterisation

In addition to crystallographic studies of the average structure,

there will be increasing use of atomic-scale characterisation

and computer modelling techniques to probe local and nano-

level structures, ion conduction mechanisms and interface

chemistry. Such techniques will encompass in situ synchrotron

XRD, 17O NMR, and pair distribution function (PDF) analysis

and maximum entropy methods (MEM) using diffraction

data.

In conclusion, though considerable progress has been made

in the development of fuel cell technology, it is clear that

future advances still depend on exploring novel compounds

and structure types, and on a greater fundamental under-

standing of the structural, defect and mechanistic features of

ion conducting materials.
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Fig. 17 Calculated proton migration pathway in LaBaGaO4
112 as a

composite of snapshots of H (grey). This indicates fast inter-tetrahedra

migration (O1 to O4), and higher energy barrier intra-tetrahedra

migration (O4 to O2). There is significant local ion movement, with

the O–O separation contracting to about 2.5 Å to facilitate proton

transfer.
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